Transmission electron microscopy studies in both the scanning and parallel illumination mode on samples of two generic types of self-assembled semiconductor quantum dots are reported. III-V and II-VI quantum dots as grown in the Stranski-Krastanow mode are typically alloyed and compressively strained to a few %, possess a more or less random distribution of the cations and/or anions over their respective sublattices, and have a spatially non-uniform chemical composition distribution. Sn quantum dots in Si as grown by temperature and growth rate modulated molecular beam epitaxy by means of two mechanisms possess the diamond structure and are compressively strained to the order of magnitude 10 %. These lattice mismatch strains are believed to trigger atomic rearrangements inside quantum dots of both generic types when they are stored at room temperature over time periods of a few years. The atomic rearrangements seem to result in long-range atomic order, phase separation, or phase transformations. While the results suggest that some semiconductor quantum dots may be structurally unstable and that devices based on them may fail over time, triggering and controlling structural transformations in self-assembled semiconductor quantum dots may also offer an opportunity of creating atomic arrangements that nature does not otherwise provide.
INTRODUCTION
Self-assembled semiconductor quantum dots (QDs) are expected to lead to "paradigm changes in semiconductor physics" 1 . As reviewed in recent textbooks 2, 3 , improved optoelectronic devices (such as lasers 4, 5 and mid-infrared detectors 6 ) and novel microelectronic concepts which depend on single electron transport, tunneling, or interactions (e.g. quantum cellular automata 7 ), have either been realized or may be realized as the field matures. For optoelectronic devices, the QDs need to consist of appropriately sized semiconductor entities of a smaller bandgap that are embedded in a semiconductor matrix of a larger bandgap. No structural defects (such as dislocations), which lead to non-radiative recombination centers, are allowed to exist in the QDs if the device is to function efficiently 4 . Analogous to the well known particle in a box model, the simplest quantum mechanical model describes a QD as a finite potential-barrier trap for an exciton. When the size of this trap is in all three dimensions smaller than the bulk exciton Bohr radius (order of magnitude 10 nm), discrete energy levels for the electron and hole arise from the spatial confinement of these particles. The energy separation of the electron levels is for (In,Ga)As of the order of magnitude 100 meV 1, 8 , i.e. significantly larger than the thermal energy at room temperature (kT ~ 26 meV). It is these discrete energy states of an electron in a QD that are exploited in devices that work at room temperature.
As in the particle in a box model, the spacing of the energy levels in QDs depends sensitively 8 on a range of parameters of the matter wave trap. For a QD, these parameters are first and foremost its size, shape, net chemical now at: * Portland State University, Department of Physics, P.O. Box 751, Portland, OR 97207-0751, peter_moeck@hotmail.com, pmoeck@pdx.edu; ** Hewlett-Packard Laboratories, 1501 Page Mill Rd., MS 1123, Palo Alto, CA 94304; *** Intel Corporation, California Technology and Manufacturing, MS RNB-2-35, 2200 Mission College Blvd., Santa Clara, CA 95052-8119 composition and spatial chemical composition distribution, net lattice mismatch strain and spatial strain distribution, crystallographic phase and orientation. Since a very large number of QDs (order of magnitude 10 5 for vertical cavity surface emitting lasers 4 and order of magnitude 10 7 for edge emitting lasers 5 ) are employed in laser devices, it is obvious that variations in the parameters of the individual matter wave traps are to be as small as possible in order to circumvent undue broadening of the discrete electron energy levels on which the operation of the device relies. Although addressing this uniformity issue of QDs by optimized growth and post-growth annealing processes is still a challenge, optimizations of the growth process have been achieved in recent years on the basis of structural and spectroscopic analyses.
Structural analyses of QDs are mainly performed by transmission electron microscopy (TEM) and near surface sensitive X-ray scattering techniques. Only very few of such investigations, however, address the long-term structural and morphological stability of QDs at room temperature over a time period of a few years. Such structural investigations are, therefore, to be presented in this paper for samples of two generic types of QDs and the respective morphological and structural transformations to be inferred.
The first generic type of QD we are going to deal with is currently most popular with the scientific community and results from growth in the Stranski-Krastanow mode (and its variants such as embedding sub-monolayers) by either molecular beam epitaxy (MBE) or metal organic chemical vapour deposition (MOCVD) 2, 3 . This growth mode results in a compressive lattice mismatch strain in the QDs of a few %. The nature of the Stranski-Krastanow transition in (In,Ga)As has recently been identified and it is believed that QD of other systems grow in the same basic manner 9, 10 . Due to the nature of this growth mode, the QDs are always alloyed, have a more or less random distribution of the mixed cations and/or anions over their respective sublattices, and a similar net chemical composition regardless if nominally pure substances or substitutional solid solutions are deposited. In addition, it is known that the predecessor islands and QDs have a spatially non-uniform chemical composition distribution with a core that is rich of the component with the smaller bandgap (and typically larger lattice constant), i.e. a spatially zonal chemical composition distribution 8, 11, 12 . Significant morphological transformations 13 and changes in both the net chemical composition and spatial composition distribution 11 of the predecessor island structures take place as a result of the embedding process. Expanding on our earlier results on structural [14] [15] [16] [17] and morphological 18 transformations in III-V and II-VI Stranski-Krastanow grown QDs will be the subject of section 2 of this paper.
Sn QDs in Si represent a different generic type of QD, as they grow by endotaxy (i.e. crystallographically oriented growth in the bulk of a crystal rather than on its surface) following thermal treatments of predecessor layer structures that are deposited by temperature and growth rate modulated MBE 19, 20 . Essentially pseudomorphic Sn x Si 1-x substitutional solutions with x = 0.02 -0.05 can be grown by this method up to layer thicknesses of 1 to 2 nm at growth temperatures of 140 to 170 ºC and a growth rate of 0.02 nm per second. Such Sn x Si 1-x layers are typically overgrown with 4 to 6 nm of Si at the same temperature and at growth rates ranging from 0.01 to 0.03 nm per second. The temperature is then raised to 550 ºC and a capping layer with a thickness of the order of magnitude 100 nm is grown at a rate of 0.05 nm per second. By the time this growth sequence has been completed, the Sn x Si 1-x layer has undergone an in-situ thermal treatment at 550 ºC for a time of the order of magnitude 30 minutes. In addition to this in-situ thermal treatment, ex-situ anneals at temperatures between 550 and 900 ºC are performed for 30 minutes. For the growth of Sn x Si 1-x /Si multilayer structures, the whole growth sequence is repeated several times, effectively resulting in an in-situ thermal treatment for the first Sn x Si 1-x layer at 550 ºC for a time on the order of magnitude a few hours 19, 20 . This growth mode results in a compressive lattice mismatch strain in the QDs of the order of magnitude 10 %. There are some uncertainties as to the formation mechanism of Sn QDs, their crystallographic phase, and their long-term structural stability. We will deal with these issues in section 3 of this paper.
One can easily estimate 21 that there is an essentially hydrostatic pressure in the 1 to 10 GPa range 22 on both generic types of QD and an excess Gibbs free energy of approximately 0.1 to 1 eV (i.e. >> kT at room temperature) for every atom of such a QD associated with the typically encountered lattice mismatch strains. It is, thus, not at all inconceivable that morphological and structural transformations should be possible over a long enough time even at room temperature, leading to a reduction or elimination of this excess Gibbs free energy. Failure of optoelectronic devices on the time scale of years may be explained by such structural transformations, as devices which employ less severely strained QDs have been found to possess longer lifetimes 5 . Growing thermodynamically unstable semiconductor QDs that are under compressive stress in the GPa range, structurally transforming these entities by means of suitable post-growth thermal treatments, and recovering these novel structures to ambient or device operating conditions may, on the other hand, become a way to realize Richard P. Feynman's 1959 vision of creating and exploiting atomic arrangements on the nanometer scale that nature does not otherwise provide 23 .
Our structural analyses employed TEM in both the parallel illumination and scanning probe mode. A JEOL JEM-2010F Schottky field emission STEM/TEM and a JEOL JEM-3010 TEM, equipped with a slow scan charge coupled device (CCD) camera, were used. Parallel illumination TEM utilized conventional (CTEM), diffraction contrast, selected area electron diffraction (SAED), and high-resolution (HRTEM) phase contrast imaging. Atomic resolution Z-contrast (high angle annular dark field) imaging in the scanning probe mode (STEM) proved to be especially useful for our investigations as the effects of strain fields in and around QDs and interference effects such as the formation of moiré fringes due to double diffraction are negligible.
The reasons for these advantages of Z-contrast STEM over HRTEM in this line of research are founded in the particulars of the Z-contrast image formation mechanism, which will be briefly discussed in the appendix. The appendix further contains a brief description of the so called undersampling artifact that may arise in digital recordings of atomic resolution TEM images and clarifies why we can exclude this artifact from our discussions. The reasons why we believe that there are no artifacts in our images that may be due to specimen damage caused by the probing electron beam in the electron microscopes will also be briefly discussed in the appendix.
TEM specimen preparation artifacts were excluded from our analysis by employing both ion-milling and chemical thinning to electron transparency. Only those structures that are not an artifact of either of these two physically different specimen preparation processes are likely to be present in both kinds of specimen. This is the classical empirical test of specimen preparation artifacts in TEM 24 .
QUANTUM DOTS GROWN IN THE STRANSKI-KRASTANOW MODE
Although there have been many investigations, there is still some controversy about the actual shape of both the islands that form the QDs when overgrown by a capping layer and of the QDs themselves. Our TEM determinations of the shape of quantum dots several years after the growth resulted for a III-V system, Fig. 1a , and a II-VI system 25 , in shapes that are oblate spheroids (convex lenses) which may have different diameters along ± [110] and ± [110] 13 , making them in effect ellipsoids. This shape is known as a possible equilibrium shape of small precipitates that are elastically strained 26 . Interestingly, of each spheroid, about one half was located above the level of the original wetting layer and the other half was located below this level 25 , Fig. 1a .
Since numerous scanning probe and TEM images of predecessor islands and QDs by other authors have shown rather different shapes to those oblate spheroids we observed, we assume that there are lattice mismatch strain driven morphological transformations over time. As the (In,Ga)Sb agglomerate in Fig. 1a is obviously dislocated but still possesses the shape of an oblate spheroid, even small lattice mismatch strains may have the capacity to cause morphological transformations over time. Now, if one accepts that morphological transformation of QDs may take place over time, the conceptional barrier to accepting that structural transformations in QDs may also take place over a sufficiently long time is lowered. As a matter of fact, we observed in several systems, i.e. (In,Ga)Sb QDs in GaSb, Figs. 1b,c, In(As,Sb) QDs in InAs, Figs. 2a-c, (Cd,Zn)Se QDs in ZnSe, Fig. 3a , and (Cd,Mn,Zn)Se QDs in (Mn,Zn)Se, Figs. 3b-f that were grown by either MOCVD or MBE, structures that we believe came into being by such structural transformation [14] [15] [16] [17] . A simple thermodynamic model calculation 14 indeed suggests that such transformations should be possible as significant amounts of stored elastic energy can be released in the process.
Labeling the two shortest vectors in the power spectrum of Fig. 2a as a base of the reciprocal lattice of the atomically ordered In(As,Sb) QD (for the sake of coming up with a notation only), the insert of this figure shows that the ± 210 vectors of this quantum dot are almost at the same position in reciprocal space as the ± 110 vectors of the InAs matrix. This suggests that this QD possesses a lattice mismatch strain minimizing orientation relationship with the matrix.
As the power spectra, Figs. 3e,f, show, the atomic arrangement in the large (Cd,Mn,Zn)Se agglomerate in Fig. 3d seems to be due to atomic ordering of the Cd and Zn cations in every second (220) plane (the nominal Mn content in the structure is only 10 %, so we neglect it for the description of the atomic ordering). Using the shortest vectors in Fig. 3e as base (for the sake of coming up with a notation only and assuming that the agglomerate belongs at least to the orthorhombic crystal system), the orientation relationship between agglomerate and matrix becomes (020) (Cd,Mn,Zn)Se R (220) (Mn,Zn)Se , (110) (Cd,Mn,Zn)Se R (Mn,Zn)Se , and [001] (Cd,Mn,Zn)Se R>@ (Mn,Zn)Se (whereby RV\PEROL]HV that both sets of reciprocal lattice vectors are [within the accuracy of the power spectra] parallel and of equal length, and that the direct lattice vectors are parallel). This orientation relationship is obviously lattice mismatch strain minimizing. [001] plan-view HRTEM image which was recorded at 500 ºC and after a thermal treatment in the electron microscope at temperatures of the order of magnitude of the growth temperature for several hours, ref. 14, suggesting that the transformed structure of this QD rather than its original sphalerite prototype structure is thermodynamically stable; (c) <110> cross section Z-contrast STEM image, showing a QD with atomic ordering in every forth ± (002) plane; power spectra as inserts.
Figure 2:
[001] atomic resolution Z-contrast STEM images of structurally transformed In(As,Sb) QDs in InAs matrix; (a) unidentified phase that possesses a lattice mismatch strain minimizing orientation relationship with the matrix; (b) periodic compositional modulation that may have arisen from spinodal decomposition; (c) same as (b) but in higher magnification, showing atomic steps in the compositionally modulated entities that are compatible with the two observed additional periodicities in the insert power spectrum; (The power spectrum clarifies that the modulation periodicity is not due to a moiré effect since there are actually two additional periodicities, marked by arrows. These two periodicities add up to a single compositional modulation parallel to ± [110] with a periodicity of 0.4 times the length of the vector (110) and may be explained as a lattice mismatch strain response); power spectra as inserts in (a) and (c).
Assuming that the power spectrum, Fig. 3e, is a [001] projection, the facets of the large (Cd,Mn,Zn)Se agglomerate in Fig. 3d seem to be related by three mutually perpendicular two-fold axes or a two-fold axis and two mirror planes. The point symmetry group of the shape of the agglomerate may, therefore, be 222 or mm2 (requiring a relabelling in the power spectrum), but could as well be higher, i.e. 42m (requiring another relabelling). The point groups 222, mm2 and 42m are subgroups of 43m. A relationship such as this would be consistent with the agglomerate resulting from atomic ordering in the sphalerite structure that corresponds to a removal of point symmetry elements from this structural prototype, e.g., removing the three-fold axis from the sphalerite structure results in the point group 42m [and (110), i.e. the ordering plane, is no longer symmetrically equivalent to (101) and (011)]. A shape according to either of these three point groups is also consistent with the shape of this (Cd,Mn,Zn)Se agglomerate being determined by the anisotropy of the interface energy density, as determined from the application of Neumann's symmetry principle 26, 27 . Now, it is well known that while the shapes of small misfitting precipitates are dominated by the anisotropy of the interface energy, the shapes of larger precipitates in the same two phase systems are dominated by the anisotropy of the . The elastic mismatch energy of a precipitate is proportional to the product of the square of its lattice mismatch strain and its volume 26 . For the large (Cd,Mn,Zn)Se agglomerate in Fig. 3d , this product is unlikely to be large, since this agglomerate probably possesses a shape that is consistent with the anisotropy of the interface energy density. As the volume of this agglomerate is, however, remarkably large, the lattice mismatch has to be minimal.
In the same specimen, there were actually several more such agglomerates which possessed the same lattice mismatch strain minimizing orientation relationship. Some of these agglomerates had diameters of up to approximately 200 nm, and were free of structural defects such as misfit dislocations. (The agglomerate in Fig. 3d does show a lattice defect, but this is probably some kind of an antiphase boundary). We believe that it is the strain minimization effect of the particular orientation relationship which allowed the agglomerates to grow so large while retaining their translational symmetry.
As already stated above, we believe that minimization of the free energy in general and reductions or elimination of excess elastic mismatch energy in particular are the driving forces 14 for the morphological and structural transformations, Figs. 1b,c, 2a -c, and 3a-d, we infer from our observations. 
Sn QUANTUM DOTS IN Si
Three sets of pairs of multilayer samples (one with and one without an additional ex-situ anneal for 30 minutes at 800 ºC) with four Sn x Si 1-x /Si layers and substitutional Sn contents of nominally 2 %, 5 %, and 10 % in each of the Sn x Si 1-x layers were grown by temperature and growth rate modulated MBE 19, 20 , stored at room temperature for several years, and eventually selected for our TEM investigations. c Sn x Si 1-x layers appear dark in CTEM images (due to strain field influences and a combination of diffraction and absorption contrast). Most of the Sn QDs formed at or in close proximity to these layers, but there are also many Sn QDs that grew within the Si spacer layers. Figs. 4b and 4c show HRTEM images of structurally defective and perfectly pseudomorphic Sn x Si 1-x layers in Si. The trend was, the lower the nominal Sn content in the Sn x Si 1-x layers, the lower the defect density. Samples with a nominal Sn content of 5 % in these layers were found to be essentially free of such defects.
Earlier ex-situ annealing experiments at 650 ºC on essentially defect free samples, Fig. 5a , indicated on the basis of plan-view TEM images an apparently very rapid increase of the average Sn QD volume (<r> 3 ) with time (t) for the first 2.2 hours of the anneal 20 . After this time, the function <r> 3 (t) showed the typical linear behavior that is expected for precipitate coarsening by volume diffusion 28 . Textbook knowledge 28 attributes non-linearities of <r> 3 with t to diffusion shortcuts such as dislocations, stacking faults, grain boundaries, and other common lattice defects.
Z-contrast STEM imaging in atomic resolution, Figs. 5b and 6a, however, revealed that within the Si matrix quite far away from the spatial positions of the Sn x Si 1-x layers (see also Fig. 4a) , there are many voids in the Si matrix in both exsitu annealed and as grown samples (that had only had in-situ thermal treatments) which are partly filled by Sn. Fig. 6a is especially instructive as one can see that the Sn lines the interface between the void and the Si matrix. Additional evidence for the existence of voids in Si that are partly filled with Sn has been gathered by quantitative electron energy loss spectroscopy and will be presented elsewhere 29 . We consider such voids as preferential sinks for diffusing Sn atoms, i.e. as very likely candidates for the above mentioned diffusion shortcuts.
It is now important to realize that the equilibrium shape of a void in Si has been determined experimentally 30 to be a tetrakaidecahedron, Fig. 6b . The applications of Neumann's symmetry principle 26, 27 to the determination of the shape of DVPDOO.-Sn precipitate in a Si matrix shows that this is a tetrakaidecahedron 31 as well.
Filling a void in Si with Sn by means of diffusion (into a diffusion shortcut) as a result of an additional thermal treatment at moderate parameters (300 ºC for approximately three hours) directly in the electron microscope resulted in DQ.-6Q4')LJ.DV.-Sn and Si both possess the diamond structure. We consider this observation as direct proof for the void-filling hypothesis presented above. This mechanism also provides a straightforward explanation for the initially rapid increase of the average Sn QD volume with annealing time in Fig. 5a .
An interesting question is how these voids may have arisen in the first place. The possible answer to this question may be found in a mechanism analogous to that described in ref. 24 , which states that when a freshly prepared Si surface is exposed to air, voids of about 10 nm diameter and a number density of about 10 10 cm -2 form spontaneously approximately 10 nm below the surface due to compressive strain that arises from the formation of SiO 2 on the surface. It does not seemed to be impossible to us that the deposited Sn x Si 1-x layers may cause the formation of voids during the growth process as well since they also compress a freshly grown Si surface. Finally, the thermal cycling during temperature and growth rate modulated MBE 19, 20 ensures that there is no shortage of vacancies in multilayer structures which could allow preformed voids of any shape to grow and reach their equilibrium shape and size.
Phase separation of Sn from a pseudomorphic Sn x Si 1-x layer will result in Sn (rich) QDs, Fig. 6c , since the structural prototype can be conserved. While the QDs that arise from filling of voids may consist of purH .-Sn, the QDs that originate by phase separation are probably still substitutional solution of Sn in Si. Both types of QD will, however, be under severe lattice mismatch strains (up to 19.5 % if a QD consist of pure Sn and the void is filled completely) that may make these entities unstable against structural transformations over time.
,WLVQRZYHU\LQWHUHVWLQJWKDWZHD.WXDOO\REVHUYHG-Sn precipitates, Figs. 7a-c, and yet unidentified precipitates, e.g. Figs. 8a,b, as well as diffraction patterns, Fig. 8c , that suggest that there may be quite large precipitates that consist of atomically ordered Sn-Si compounds. The latter may possibly fill pits of several 10 nm widths and depths at the free surface (images to be shown and discussed elsewhere). While VRPHRIWKH-Sn precipitates, e.g. 7KHVKDSHRIWKH-Sn precipitate of Fig. 7a is that of a rhombic-dipyramidal polyhedron, as one would expect it to be from the application of Neumann's symmetry principle 26, 27 . Again this implies that it is the anisotropy of the interface energy density that determines the shape of this precipitate. Finally, we would like to suggest that the employment of the voiG .UHDWLRQ DQG VXEVHTXHQW ILOOLQJ PH.KDQLVP E\ ZLWK .-Sn QDs form in Si) may offer an opportunity to make progress in other (less severely strained) QD systems such as InAs QDs in Si.
CONCLUSIONS
As the only common denominator of the specimens we investigated here is that several years have elapsed between the growth and the TEM analyses, the weight of the presented TEM observations (and the exclusion of possible artifacts, see appendix) in different generic types of semiconductor QDs, grown by different methods, leads us to the conclusion that there are indeed morphological and structural transformations in self-assembled QDs over time. So far, we performed only a few in-situ thermal treatments and structural analyses in the electron microscopes under elevated temperatures. More such experiments are to be performed in the future, as we expect that this will lead to irrefutable evidence for the occurrence of the structural transformations we presently only infer from our observations.
While morphological and structural transformations in QDs may turn out to be a technological problem that impacts on the lifetime of devices which function on the basis of the QDs, there is as well the great opportunity that novel semiconductor phases may be created on the nanometer scale that can only form by such transformations under pressures in the GPa range. In order to tackle this anticipated problem and to investigate this perceived opportunity, more TEM and other structural investigations on the above described specimens and on other samples that matured structurally over time need to be performed.
APPENDIX
Digital recordings of STEM images typically proceed in the following manner. The transmitted electrons that are scattered by the specimen into high angles are collected on an annular detector, the analog signal is digitized by an analog-digital converter and written into a data file. This data file is simultaneously displayed analog on a cathode ray tube (CRT) computer screen, Fig. 9a . It is possible to obtain Z-contrast (i.e. high angle annular dark field) images at the same time as bright field images, Fig. 9a , which are equivalent to parallel illumination TEM images by the principle of the reciprocity of ray paths and show principally the same kinds of (phase or diffraction) contrast. The magnification in a STEM image is simply the quotient of the areas that are scanned by the displaying (on the CRT) and probing (in the STEM) electron beams, whereby the display area is conveniently kept constant over a wide range of magnifications.
Detecting the scattered intensity of the transmitted electron beam at high angles and over a large angular range averages coherent effects between atomic columns in the specimen, allowing each atom to be considered to scatter independently with a cross section approaching a quadratic dependence on the atomic number (Z). This cross section effectively forms an object function that is strongly peaked at the atom sites. The detected intensity is a convolution of this object function with the probe intensity profile 32 , Fig. 9b , thus bypassing the phase problem that makes image interpretation difficult in HRTEM. Another important feature of this method is that changes in focus and thickness do not cause contrast reversals in the image, so that atomic sites can be identified unambiguously during the experiment 33 .
The small width of the object function (~ 0.01 nm) means that the spatial resolution is limited only by the probe size of the microscope. For a crystalline material in a low indexed zone-axis orientation, where the atomic column spacing is greater than the probe size, the atomic columns can be illuminated individually. Therefore, as the probe is scanned over the specimen, an atomic resolution chemical compositional map is generated in which the intensity depends, in a first approximation, on the square of the average atomic number of the atoms in the column. As mentioned above, due to the essentially incoherent nature of the Z-contrast image and its particular contrast mechanisms, which conceptually differs from the kinematical and dynamical theories of electron diffraction, double diffraction, and moiré fringe formation in parallel illumination TEM [34] [35] [36] , interference effects (such as the formation of moiré fringes) are negligible in Z-contrast images. This is demonstrated in Figs. 6a and 10a,b , where the same Sn (rich) QD is shown in both the bright field (phase contrast) and the high angle annular dark field (Z-contrast) STEM image. While the phase-contrast image, Fig. 10a , clearly shows moiré fringes, and its power spectrum, Fig. 10b , clearly shows the corresponding double diffraction spots, the Z-contrast image, Fig. 6c , only shows the compositional variation of Sn in the substitutional Sn x Si 1-x solution.
Bright field Image b a
The quality and visibility of moiré fringes in CTEM 34 and HRTEM images is known to be impeded by lattice mismatch strains, alloying and spatially inhomogeneous chemical composition distributions, i.e. effects that are all present in as grown Stranski-Krastanow QDs. It is, therefore, not surprising that moiré fringes have, to the best of our knowledge, never been observed in parallel illumination images of such QDs, the dominant contrast being due to strain fields. When atomic ordering, phase separation, and other structural transformations remove or reduce the strain fields, on the other hand, double diffraction and moiré effects become visible, as demonstrated by Figs. 1b, 3a, 4c, and 8a,b .
Artifacts that may have arisen from electron beam damage to a specimen in the electron microscope can most likely be excluded from being responsible for the TEM observations we presented in this paper. This is because, radiolytic damage mechanisms are negligible in covalent semiconductors and direct momentum transfer damage is unlikely to occur in such samples at 200 kV 36 . In addition, different modes of atomic ordering were observed to exist in close proximity 14 , e.g. Fig. 10c , and it is quite incomprehensible to us how one and the same probing electron beam may have caused different modes of atomic rearrangements close to each other. On a similar token, we not only observed atomic ordering but also phase separation in one and the same specimen, Figs. 2a-c, and it is does seem unlikely that the same probing electron beam may have triggered different kinds of atomic rearrangements. Finally, we note that some of the (Cd,Mn,Zn) agglomerates in (Mn,Zn)Se matrix, e.g. Fig. 3d and agglomerate no. 1 in Fig. 10c , had diameters up to approximately 200 nm. In a sense, this seems to be by far too large to be caused by the much smaller electron beam (which has only a diameter of less than 0.2 nm). Digitizing analog images of periodic objects such as crystals in a low index zone axis orientation at moderately high magnifications in a parallel manner by means of a CCD camera in HRTEM or in a serial manner by means of an analogdigital converter in STEM can under certain conditions cause an artifact that is called undersampling. The sampling theorem 12, 37 (Nyquist-Shannon theorem) applied to CCD camera recording of atomic resolution TEM images states that both of the two smallest periodicities in the object which are to be imaged should be sufficiently magnified so that they each correspond to at least twice the width of the individual detector pixels of the CCD camera. Allowing for the arbitrary orientation of the object periodicities and the CCD camera pixels, the effective individual detector pixel width may increase by up to a factor of 2 for square pixels. When such conditions are fulfilled, no undersampling can occur. Correspondingly, avoiding undersampling in atomic resolution STEM requires the magnification to be high enough that each of the two smallest periodicities in the object is sampled at least twice by the analog-digital converter.
From the practical viewpoint, avoiding undersampling of atomic resolution STEM images requires the electron microscopist to make sure that the microscope's magnification is sufficiently large so that further increases of the magnification do not result in noticeable rotations of the image. This corresponds to the condition that no qualitative changes (other than the appropriate linear increases) occur in the power spectra of the recorded images with further increases of the magnification. As there are in most TEMs image rotations associated with increases of the magnification, the electron microscopist has to make sure in this case that the power spectra of HRTEM images do not change qualitatively either (other than the appropriate linear increases and rigid rotations). In any case, it is good practice to record/digitize images of well-known reference structures (such as the sphalerite or diamond matrices in our cases) at 
